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1.1 Background and Motivation
Polymeric materials show unique mechanical and optical properties, which are applied
to various fields in modern industry and human life. The macroscopic properties of
polymers originate from the microscopic structure and dynamics of the polymer chain.
The understanding of the polymer physics and chemistry from the basis on the single
chain is essential to design and improve the performance of polymer materials. The
conformation of the polymer chain has long been investigated since the beginning of the
polymer science.1–5 The rotational freedom of backbone bonds of polymer chains induces
various conformations even at the equilibrium state. This equilibrium conformation can
be distorted by applying the external field. The conformational change is reflected in
macroscopic properties such as optical birefringence. Furthermore, the distortion from
the equilibrium conformation leads to the loss in entropy. The chain motion to recover
the equilibrium state generates the entropic force. The macroscopic mechanical properties
of polymer materials thus originate from the behavior of the single polymer chain.
The unique viscoelasticity of polymer materials arises from the dynamics of the
polymer chain, which is different from that of the low molecular weight monomers. The
motion of each monomer unit in a polymer chain is restricted because it is connected
to adjacent units by covalent bonds. In a dense system with sufficiently long chains,
the chains become entangled. These intramolecular connectivity and intermolecular
uncrossability dominate the structure and dynamics of the polymer chain. A lot of
theoretical models have been developed to describe the universal feature of a polymer
chain incorporating these complexities. The viscoelastic properties have been derived
from the models and compared with the rheological experiments.6,7 This interplay with
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theories and experiments has enhanced our understanding of the chain behavior. Besides
rheological measurements, experimental methods to probe the structure and the dynamics
of polymer chains have also been employed: optical birefringence, infrared absorption
dichroism, small angle neutron scattering (SANS), and dielectric measurement.7 The
complementary information by different methods enables us to investigate the properties
of polymer chains on various spatial and time scales.
In addition to the polymer chain in the bulk, the polymer chain near the interface
plays an important role in determining the performance of polymer materials. The surface
properties of polymer materials such as wettability, friction, and liquid crystal alignment
are dominated by the behavior of the polymer chain near the surface.8,9 The structure and
motion of the polymer chain near the surface differ from those in a bulk state because
of the air–polymer interface.10 Therefore, investigation of the polymer surface at the
molecular level is essential to understand the property of polymer materials.
The present thesis focuses on the direct observation of the single polymer chain under
the external force. Scanning near-field optical microscopy (SNOM) is applied to the direct
observation of a single polymer chain in bulk and thin films. This enables us to study
polymer physics on the basis of the single polymer chain. The conformations of polymer
chains under the uniaxial extension and the surface rubbing are analyzed and compared
with macroscopic mechanical properties, optical properties, and theoretical models.
1.1.1 Theories on Structure and Dynamics of Polymer Chain
The studies on the conformation of flexible polymer chain began in the early 1930s.
Guth, Mark,11 and Kuhn12 introduced the concept of random walk as a model of polymer
conformation. The distribution function of the end-to-end vector, R, of the random walk














where hR2i = hR  Ri = nl2. The root mean square radius of gyration, Rg, of the
random walk is nl2=6 for sufficiently large n. The experimental investigation on the
chain dimension with light scattering measurements of dilute solutions began in 1940s
with Debye13 and Zimm.14 The radius of gyration of various polymers in solutions has
been widely studied.2 The molecular weight (M) dependence of Rg is expressed by the
power law: Rg ∝ Mν . At the Θ condition, the excluded volume effect disappears and
the molecular weight dependence of Rg for linear polymer agrees with the theoretical
prediction of the random walk (ν = 0:5). Under this condition, the dimension of the real
linear chain is expressed as
hR2i=C∞nbl2b ; (1.2)
where C∞ is the characteristic ratio, nb is the number of the backbone bonds, and lb is the
length of the bond. The characteristic ratio reflects the rigidity of the chain determined by
the chemical structure of the monomer unit. Thus the universal feature of the long flexible
chain is expressed by the random walk. In the 1970s, the SANS experiment showed that
the chain dimension in a bulk state also takes a Gaussian conformation.15 The random
walk model remains significant for the basic understanding of the polymer physics.
The mechanical properties of polymer chains were also derived from the random walk
model in the early studies.11 The increase in R restricts the number of the conformation
and leads to the decrease in entropy. Therefore, an entropic force is generated between
the ends of the chain, which is related to the distribution function of R and calculated as
f = kT ∂ lnP(R)∂R = 
3kT
hR2iR; (1.3)
where k is the Boltzmann constant and T is the temperature. This is equivalent to the
Hookean force with zero rest length and the spring constant of 3kT=hR2i. This is a basic
equation for the force–conformation relationship of polymer chains.
The macroscopic stress of polymeric matters was first predicted theoretically for
cross-linked rubber systems.16–20 In the classical rubber elasticity theory, it is assumed
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that the distribution of the end-to-end distance of the chain strand between cross-links in
the equilibrium state is expressed by Gaussian distribution; therefore, each strand between
the cross-links behaves as a spring. Furthermore, each cross-link is assumed to change
its position in the same way as the macroscopic deformation (affine deformation). Then,
the macroscopic stress–strain relationship is derived from the total change in the elastic
potential. Although the deviations from the experiment is observed at a large deformation
due to the finite extension of a chain, the mechanical property of the cross-linked polymer
system is well described by the entropic elasticity and the affine deformation.
In an uncross-linked polymer system, the relaxation process plays an important role in
the viscoelasticity. Rouse developed the bead–spring model to describe the dynamics of
the polymer chain in a dilute solution.21 A polymer chain is divided into ns sub-molecules
with an equilibrium length ls. Each sub-molecule is long enough to obey the Gaussian
distribution. Therefore, the force arisen from each sub-molecule is represented by the
spring with the constant of 3kT=nsl2s . The conformational change of the polymer chain
is calculated from the motions of their representative points (beads). Each bead is moved
by three kinds of force: the spring force, the frictional force from the surrounding liquid
molecules, the osmotic force. The time evolution of macroscopic stress is calculated
through the average orientation of the sub-molecules. The Rouse model was found to
well describe the viscoelastic behaviors of short linear chains in concentrated systems,
even though it was formulated for isolated chains.22 Thus, the connectivity of monomers
has been successfully modeled.
The theoretical description of the chain dynamics in an entangled system requires
modeling of the mutual uncrossability of chains. In 1971, de Gennes introduced the
tube model to the entangled polymer system.23 He considered the dynamics of a long
linear flexible chain in the presence of fixed obstacles. The chain is free to move
between the obstacles, but it cannot cross any of them. This is equivalent to the chain
surrounded by the tube. The tube suppresses the chain motion perpendicular to the chain
backbone and permits the curve-linear diffusional motion along the chain contour, which
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Figure 1.1: The schematic illustration of the relaxation after the step strain assumed in
Doi–Edwards model: (a) before stretching, (b) immediately after the deformation, (c)
contraction and (d) reptation.
is called reptation. In 1978, Doi and Edwards extended this concept and calculated various
dynamic properties of entangled linear chains at equilibrium and under strains.24–27 They
considered the Rouse chain in a tube and calculated stress from the orientation of the
Rouse segments. The chain motion assumed in the Doi–Edwards model is shown in
Figure 1.1. When the system is deformed by a large step strain, the chains are deformed
according to affine deformation (Figure 1.1b). Then, these chains relax through the
motions along the tube: the contraction of the chain contour and the reptation (Figure 1.1c
and d, respectively). The Doi–Edwards model showed great success in describing the slow
relaxation of entangled linear polymer chains.
The development of the tube model stimulated the theoretical and experimental studies
on the dynamics of entangled polymer systems including various chain architectures and
polydispersity. Through this process, the original Doi–Edwards model has been improved
by considering the additional relaxation modes shown in Figure 1.2.5–7 The contour
length fluctuation (Figure 1.2b and c) was incorporated to explain the experimental result
for the molecular weight dependence of the longest relaxation time (the power law with
a factor of 3.4), whereas the original Doi–Edwards model predicts the scaling factor




Figure 1.2: The schematic illustration of the chain motion to modify the tube model : (a)
initial state, (b, c) contour length fluctuation, (d) constraint release and (e) dynamic tube
dilation.
for polydisperse systems. The fast relaxation of the surrounding chains releases the
constraint and allows the local motion perpendicular to the tube direction. This is known
as the constraint release shown schematically in Figure 1.2d.31–38 The accumulation of
this event can be considered as the increase in tube diameter (dynamic tube dilation,
Figure 1.2e),39–41 which accelerates the reptation. Incorporation of these effects has
been found to improve the prediction of the viscoelasticity both for monodisperse
systems and binary blends of the same chemical species with different molecular weights.
Recently, the stochastic simulation methods has been developed to predict the rheological
behaviors of entangled systems.42–44 As simulations can deal with multi body problems
without using mean-field approach, they are convenient for predicting the behavior of the
polydisperse system. The improvement of theoretical models and calculation methods are
still in progress.
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1.1.2 Experimental Techniques to Observe Chain Behavior
Experimentally, the dynamics of polymer chains has been investigated mostly through
rheological measurements.45 The stress originates from the segmental orientation of
polymer chains. The proportionality between stress and birefringence (stress–optical
rule) ensures the investigation of chain dynamics through the rheological measurements
in terms of the segmental orientation.27 On the other hand, the various experimental
methods provide information on different length and time scales, which are essential to
describe the chain behavior. The average dimension of a whole single chain under external
stress has been measured by SANS in concentrated polymer systems.46–52 The dielectric
relaxation measurement can probe the dynamics of the dipole moment. The dynamics of
end-to-end vector has been probed by dielectric measurements for polymers with dipoles
that are aligned in the same direction along the backbone such as cis-polyisoprene.6,53 The
combination of various measurements is a powerful approach to clarify the chain structure
and dynamics. The experimental techniques to investigate the surface properties have
been limited because the weak signal from a small sample volume of the surface region
has to be detected. Recent development of apparatus has made possible the quantitative
analysis on the surface properties. For example, the viscoelasticity and the average
orientation of the chemical bonds near the surface have been measured by scanning force
microscopy54,55 and grazing-incidence X-ray scattering,56 respectively. The increased
mobility of the chain in the surface region has been found by these techniques.
By the methods mentioned above, however, the variety of chain conformations is
canceled in the observed average value. The observation of individual single polymer
chains would reveal the exact behavior of real chains, which should be different from each
other. Understanding of the distribution of the chain motion will help improve theoretical
models, which have been based on the pre-averaged chain dynamics. Several studies
on the direct observation of single polymer chains have been reported using atomic force
microscopy (AFM).57–59 Since AFM probes the surface topography, it has been applied to
the isolated polymer chains adsorbed on a flat substrate in an extremely dilute condition.
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It cannot be used to observe a single polymer chain embedded in a bulk medium. In order
to detect in-situ features of polymer chains located inside a bulk medium, a single chain
must be distinguished from surrounding ones. Fluorescence labeling is an established
method to detect the structure and motion of the labeled chains with high sensitivity.
The direct observation of a single polymer chain using the fluorescence microscopy
has been demonstrated for the observation of single DNA molecules.60–67 However,
the conventional fluorescence microscopy suffers from the low spatial resolution of 
250 nm due to the diffraction-limit of light. Therefore, the application of the optical
microscopy to single macromolecular imaging has been limited to the observation of huge
biomacromolecules such as DNA. A higher resolution is needed to observe individual
flexible polymer chains since the typical sizes are in the order of 10–100 nm.
SNOM is an emerging scanning probe technique, which allows optical measurement
with a high resolution beyond the diffraction limit.68–73 The principle of SNOM imaging
is illustrated in Figure 1.3. When object A is illuminated by light, there arises not only the
propagating scattering light but also the optical near-field around the surface of A, which
is a non-propagating component of the light. The dimension of the optical near-field
depends on the size and the shape of A. When another object B is put in the region where
the energy of the optical near-field is concentrated, the optical near-field is scattered by
B. In this way, the non-propagating optical near-field can be detected in the far-field as
the propagating light scattered by B. In the actual SNOM system, A and B correspond
to a SNOM probe and a sample, respectively. The SNOM probe has a sub-wavelength
aperture at the end. When the incident light reaches the aperture, the optical near-field
generates at the back of the aperture. The interaction between the probe and the sample
through the optical near-field is observed as the resulting propagating light such as
scattering. Because the dimension of the near-field is as small as the size of the aperture,
the optical response from the nanometric area can be obtained. The high-resolution
map of the optical response is obtained by scanning the sample surface with the probe.




























Figure 1.3: Schematic illustration of the optical near-field system. (a) Light illumination
to object A generates optical near-field. Object B scatters the optical near-filed around A
and make it detectable at far-field. (b) The actual SNOM system. The SNOM probe and
the sample correspond to objects A and B in panel a, respectively.
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infrared and fluorescence spectroscopy. In the case that the sample contains fluorescence
dyes, the fluorescence is excited by the optical near-filed. The spatial distribution
of the fluorescence dye can be imaged by detecting the fluorescence. Therefore,
SNOM enables us to directly observe the conformation of the single chain, which is
fluorescently labeled and silhouetted against the surrounding unlabeled polymers.74–80
Furthermore, the orientation of the fluorescence dye can be evaluated by the use of
polarized light because the absorption and fluorescence anisotropies reflect the orientation
of the transition dipole.81–83 The microscopic polarization measurements reveal the
spatial distribution of the orientational anisotropy.84 The direct observation through these
techniques will help clarify the structure and dynamics of the single polymer chain.
1.2 Outline of This Thesis
This thesis consists of six chapters. The first chapter describes the background and
motivation of this thesis. The historical development of theories and experiments on the
structure and dynamics of the polymer chain under the external force is mentioned. The
following chapters deal with the direct observation of single poly(methyl methacrylate)
(PMMA) chain under the external forces.
In chapter 2, the application of SNOM to the observation of a single polymer chain in
a bulk film under the uniaxial extension is demonstrated. The quantitative analysis of the
chain conformation is introduced. The microscopic chain extension at the molecular level
during the plastic deformation is investigated.
Chapter 3 deals with the uniaxial extension well above the glass transition
temperature. The molecular extension ratio of the single chain is compared with the
macroscopic extension ratio. The validity of the affine deformation is investigated in
terms of the average and distribution function of the chain dimension. The extension
behavior of a long probe chain in short matrix chains is also discussed.
Chapter 4 describes the chain conformation during the stress relaxation process after
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the uniaxial extension. The relaxation in the dimension of the single chain is compared
with that in the macroscopic stress and birefringence. The observed chain behavior is
compared with the Doi–Edwards model. The individual chain behavior is discussed in
terms of the distribution function of the whole chain dimension.
Chapter 5 deals with the relaxation behavior of the long probe chain in the blend
matrix of long and short chains after the uniaxial extension. The effect of the
disentanglement between the long and short chains on the conformation of the long
chain is investigated; Observed is the whole chain relaxation depending on the blend
ratio and molecular weight. The segmental orientation of the long probe chain is
also evaluated from the single chain observation through the excitation polarization
modulation microscopy. The relaxation at the scales of the segment and the whole chain
is compared with the predictions of the slip-link simulation based on the Doi–Takimoto
model.43
In chapter 6, the effect of the surface rubbing on the conformation of the chain in the
thin film is investigated. The rubbed film is well known for the functionality to align the
liquid crystal molecules.85 The conformational change induced by the rubbing process is
studied in terms of the segmental orientation and the dimension of the whole chain, which
are evaluated by excitation polarization modulation microscopy and SNOM, respectively.
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Conformation of Single PMMA Chain in Uniaxially Stretched Film
Studied by SNOM
2.1 Introduction
The variation of the conformation of a polymer chain is the origin of the unique
physical properties of polymer materials such as the entropic elasticity. The chain
morphology induced by uniaxial elongation has been extensively investigated so far from
both theoretical and experimental points of view. The orientation of the polymer chain
in the stretched state has been studied by various methods such as birefringence and
infrared absorption dichroism. Whereas these techniques examine the average orientation
of the chain segments, the conformation of the whole chain contour has been investigated
by SANS.1–9 Both uncross-linked3,4,9 and cross-linked5–8 polymer systems have been
analyzed by SANS measurements. In these studies, the deformation of the deuterated
polymer chains was examined in terms of the chain dimensions in the directions parallel
and perpendicular to the elongation axis. The conformation of the single polymer chain
under uniaxial deformation is complicated, and has not been completely described by the
model.
The direct observation of the single polymer chain provides detailed information on
the shape of each polymer chain and would be great help to understand the rheological
properties at the molecular level. Several studies on the direct observation of single
polymer chains have been reported using AFM so far.10–12 Since AFM probes the
surface topography, it has been applied to the isolated polymer chains adsorbed on a
flat substrate. It cannot be used to observe a single polymer chain embedded in a
bulk medium. Fluorescence labeling technique is an established method to distinguish




Figure 2.1: Chemical structure of PMMA-Pe.
fluorescence microscopy suffers from the diffraction-limited resolution of a half of the
wavelength of light. Therefore, the application of the optical microscopy to single
macromolecular imaging has been limited to the observation of huge biomacromolecules
such as DNA.13,14
SNOM is an emerging scanning probe technique, which allows optical measurement
with high resolution beyond the diffraction limit of light.15–19 The light incidence to the
sub-wavelength-sized aperture generates an optical near-field restricted in the space of
the aperture size. This allows one to illuminate the specimen and to obtain the optical
response from the nanometric area. Therefore, SNOM is a promising tool to directly
observe the conformation of the single chain of the fluorescently labeled polymer.20,21
Since the optical near-field illuminates the region beneath the surface by 200 nm, SNOM
enables us to observe the chain conformation in the bulk system.
In the current chapter, the single polymer chain in the uniaxially elongated film is
directly observed by SNOM. The conformational change of PMMA chain induced by the
macroscopic stretching is quantitatively evaluated.
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2.2 Experiments
Perylene-labeled PMMA (PMMA-Pe, Figure 2.1) was synthesized by bulk free
radical copolymerization of methyl methacrylate and 3-perylenylmethyl methacrylate
initiated by azoisobutyronitrile. The fraction of the labeled unit was evaluated to be
0.77% by UV–Vis absorption (U3500, Hitachi). The obtained polymer was purified by the
fractional precipitation in methanol from toluene solution to achieve a relatively narrow
molecular weight distribution. The weight- and number-averaged molecular weights, Mw
and Mn, were determined by gel permeation chromatography (GPC) (D-7000G, Hitachi)
using a column with the exclusion limit of 2 107 (Shodex KF806) with the eluent of
THF, which was calibrated by the PMMA standards (Scientific Polymer Products, Inc.):
Mw = 1:99106, Mn = 1:58106, and Mw=Mn = 1:26.
In order to observe the isolated single labeled chains in the PMMA bulk, the PMMA
thin film containing a trace amount of PMMA-Pe was prepared by the spin-coating
method. The mixed toluene solution of the unlabeled PMMA (Mw = 1:89 106) and
PMMA-Pe (0.005 wt % to the unlabeled polymer) was spin-coated onto a glass substrate
to form a film with a thickness of 80 nm. The thin film was floated onto a water surface
and picked up on a self-standing film of the unlabeled PMMA (the size was 25mm7mm,
and the thickness was 300 µm), which was prepared by the solution casting of the
unlabeled PMMA. The conformation of PMMA-Pe may be affected by the shear flow
in the spin-coating process and the confinement effect of the thin film.22 Therefore the
sample film was annealed for 48 h at 180 C in vacuum to reach the equilibrium. The
later investigation was not affected by the further annealing at 200 C, which indicates
that the annealing time was sufficient. The GPC measurement of the film after annealing
confirmed that the thermal cleavage of the polymer chains did not occur.
A tensile tester (RTM-500, Orientec) with a 10 kg load cell was used for stretching
of the films. The length between the clamps was 20 mm. The stretching was carried
out at 140 C with a crosshead speed of 50 mm/min. The force and displacement were
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monitored on a chart recorder. After the stretching, the film was rapidly quenched to
room temperature in the stretched state. The extension ratio λ was calculated as l=l0,
where l0 and l are the lengths of the film along the stretching direction before and after





where F is the force applied to the sample, and A0 is the sample cross section before
stretching. The birefringence measurement was carried out by Senarmont method.
The SNOM measurement was performed by a commercially available instrument
(α-SNOM, WITec) with the hollow cantilever probe with a sub-wavelength aperture of
60 nm. The laser beam at a wavelength of 438 nm was focused onto the backside of
the aperture to generate the optical near-field. The perylene fluorescence was collected
by a microscope objective (0.80NA, 60, Nikon) from the backside of the substrate and
guided to a photomultiplier (H8631, Hamamatsu Photonics). The SNOM measurement
was carried out in an ambient condition.
2.3 Results and Discussion
2.3.1 Stress and Birefringence
Figure 2.2a shows the stress – extension ratio curve of the PMMA film. This indicates
the stress yielding at λ = 1:1 followed by the necking of the film. The necking spread over
the whole specimen at the range of λ = 1.1–2.5, and the stress increased again until the
film fracture at λ = 3:3. Figure 2.2b shows the result of the birefringence measurement.
The birefringence ∆n increased with the macroscopic extension ratio of the film. This




























Figure 2.2: (a) Engineering stress – extension ratio curve for the PMMA film stretched
at 140 C. (b) Birefringence of the stretched PMMA films plotted against the extension
ratio.
2.3.2 SNOM Image
Figure 2.3a shows the fluorescence SNOM image of the initial PMMA film before
stretching. The perylene-labeled PMMA chains embedded in the unlabeled PMMA bulk
film were observed as the bright spots in the fluorescence image. Each fluorescence
spot was confirmed to be corresponding to the individual PMMA-Pe chain from the
statistical analysis.18 Since the optical near-field penetrates into the sample film by a few
hundred nm, the shape of the PMMA chain observed in the SNOM image corresponds
to the two-dimensional projection of the chain conformation. The ratio of the fluorescent
monomer unit in PMMA-Pe was very small (0.77%); therefore, the effect of the dyes on
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Figure 2.3: Fluorescence SNOM images of single polymer chains in the PMMA films (a)
before stretching, and after stretching to the extension ratio of (b) 2.0 and (c) 3.0.
the chain conformation is considered to be negligible. The single PMMA-Pe chains with
the same molecular weight were observed in various forms, indicating the flexibility of
the PMMA chain. Figure 2.3b and c depict the SNOM images of the films after stretching
to the extension ratio of 2.0 and 3.0, respectively. These images clearly show the polymer
chains in the elongated conformation along the macroscopic stretching direction. When
the author observed the same stretched film by SNOM 1 h, 6 h, and 24 h after stretching,
any conformational change was not observed. Therefore the effect of the relaxation at
room temperature is negligible because of the resolution of SNOM on the order of ten nm.
2.3.3 Analysis of the Single Chain Conformation
The conformation of the single PMMA chain was quantitatively evaluated from the
fluorescence intensity distribution.14 The fluorescence intensity is proportional to the
number of fluorescence dye molecules randomly introduced to the PMMA-Pe chain;
therefore, the intensity at each pixel is proportional to the number of the chain segment
therein. The first moment of the fluorescence intensity distribution denotes the position
of the center of mass:
r0 =
1
I ∑i riIi; (2.2)
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Figure 2.4: An example of the analysis of a single fluorescence spot. The red curve shows
the most appropriate ellipsoid for the segmental distribution.
where Ii is the fluorescence intensity at the i-th pixel, ri is the position vector, and I is the
total fluorescence intensity from the single chain. The second moment of the fluorescence
intensity distribution is calculated as
R2xx =
1










I ∑i (xi  x0)(yi  y0)Ii; (2.5)
where (xi;yi) and (x0;y0) are the position of the i-th pixel and the center of mass in the
orthogonal coordinate system. The x axis is defined as the macroscopic extension axis of

































Figure 2.5: Histograms of the orientation angle of the PMMA chain to the stretching
direction of the film: (a) before stretching, and after stretching to the extension ratio of
(b) 2.0 and (c) 3.0.





The eigenvalues λ1 and λ2 (λ1 > λ2) of R correspond to the squared lengths of the
long and short axes, respectively, of the most appropriate ellipsoid for the segmental
distribution as shown in Figure 2.4. The angle, θ , between the extension axis and the







Figure 2.5 shows the histogram of θ for the 150 PMMA-Pe chains. It clearly shows
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Figure 2.6: Histograms of the chain aspect ratio Rxx=Ryy in the film (a) before stretching,
and after stretching to the extension ratio of (b) 2.0 and (c) 3.0.
angle shows the narrow distribution with a peak at θ  0. This indicates that the PMMA
chains in the elongated films take stretched conformations along the elongation axis. The
distribution narrowed with strain. None of the PMMA chains showed the orientation of
jθ j> 45 at λ = 3:0, indicating that all the chains deformed to the stretching direction.
Not only the direction of the orientation, the asphericity of the single chain is discussed
in terms of the aspect ratio Rxx=Ryy, which is the ratio of the chain dimensions along
the parallel and perpendicular axes to the stretching direction. Figure 2.6 shows the
distribution of Rxx=Ryy in the films before and after stretching. Before stretching, the
PMMA chain did not show the circular form due to the conformational distribution.
However, the orientation of the chain conformation was random, resulting in the
homogeneous distribution of the orientational angle θ and the distribution of Rxx=Ryy
in the range of 0.5–1.5 with the maximum probability at unity: hRxx=Ryyi= 1:000:18.
On the other hand, the asphericity of the PMMA chains increased by the macroscopic
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elongation and its distribution spread: hRxx=Ryyi = 1:35 0:38 and 1:78 0:63 in the
films of λ = 2.0 and 3.0, respectively. Few chains showed the asphericity less than unity
after stretching, indicating that most of the chains were deformed by the macroscopic
elongation.
The deformation at the single chain level is compared with the macroscopic extension
ratio. In order to compare the conformational change of the polymer chains with the






where hRxx2i0 and hRxx2i denote the average of the true dimension of chains along the x








(x j   x0)2; (2.9)
where N is the number of segments and x j is the x-coordinate of the position of the
j-th segment of the chain.23 SNOM shows much higher resolution than conventional
microscopy; however, it still suffers from the limit of finite resolution of  100 nm,
which is caused by finite dimension of the aperture. Therefore, the observed value of Rxx
is somewhat larger than the true value, Rxx. The point spread function in fluorescence
SNOM measurement is well approximated as a Gauss function, which was determined
from the observation of a quantum dot.24 The fluorescence image is expressed by
the convolution of the distribution function of the chain segment and the point spread
function. The second moment of the convoluted function is a sum of the second moments













Figure 2.7: Average chain extension ratio plotted against the macroscopic extension ratio
of the film. The broken line indicates the case of the affine deformation (λc = λ ).
the stretching axis, the change in the dimension was too small for the precise evaluation.
Therefore, the author focused on the direction parallel to the stretching axis.
Figure 2.7 shows the relationship between the microscopic and macroscopic extension
ratio. The macroscopic strain is not homogeneous through the whole film because the
plastic deformation occurs. For this reason, the macroscopic extension ratio in Figure 2.7
was estimated from the change in the width of the film at the position observed by SNOM
assuming the constant volume during the deformation. The average chain extension ratio
was smaller than the macroscopic extension ratio, showing the deviation from affine
deformation at the single chain level. Under the condition that the plastic deformation
occurs, the thermal motion of the polymer chain is not sufficient to follow the mechanical




The conformation of the single polymer chain in uniaxially stretched PMMA was
studied by SNOM. The direct observation of the individual elongated single polymer
chain was succeeded. The conformation of the single PMMA chain was quantitatively
evaluated from the fluorescence intensity distribution. The chain showed smaller
deformation than that expected from the affine deformation, suggesting the presence of
chain slip in the film. The further study using SNOM is expected to reveal the mechanical
property of polymer solids from the level of single polymer chain.
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Chapter 3
Affine Deformation of Single Polymer Chain in PMMA Films
under Uniaxial Extension Observed by SNOM
3.1 Introduction
The microscopic molecular structures of polymer chains such as orientation and
conformation are closely related with macroscopic properties of polymer materials.
Observing and controlling the chain structures are significant from both scientific and
practical points of view. The stress induced by external deformation gives rise to the
segmental orientation, which is observed by birefringence1,2 and infrared absorption
dichroism.1,3 The stress–optical rule ensures the relationship between the chain motion
and viscoelastic quantities. Abundant rheological studies have contributed to the
developments of molecular models for the chain dynamics.4,5 One of the most successful
models for the entangled polymer system is the tube model developed by Doi and
Edwards.6 In this model, a tube along a certain chain is introduced to represent the
topological constraint from the neighboring chains. It assumes the affine deformation
under step strain and reptation along the tube. The segmental orientation simulated under
these microscopic assumptions well describes viscoelastic behavior. Further improvement
of the model is performed by considering the relaxation of surrounding chains in terms of
constraint release and dynamic tube dilation.
The theoretical models predict the chain motion not only in the segmental scale
but also in the length scale of the whole single chain, which is characterized by
parameters such as radius of gyration. The radius of gyration of a polymer chain in
bulk systems has been experimentally investigated by SANS.7 Boue´ et al. studied the
conformational change of polystyrene chains under uniaxial extension, concluding that
the radius of gyration changes according to affine deformation soon after stretching for
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large enough chains.8–10 The complementary observation in different length scales gives
further insights of polymer dynamics. However, the segmental orientation and the radius
of gyration obtained by the above methods are the averaged value for the numerous
chains in the system, whereas the theoretical models are based on the behavior of single
polymer chains. The observation of single polymer chains enables us to discuss the
motion of individual chains in association with the variety of the chain conformation.
The assumptions about the chain motion in the theoretical models are more clearly tested
by observing individual properties of single polymer chains, which do not suffer from
blur by averaging over a large number of chains.
In order to detect in-situ features of polymer chains locating inside a bulk medium, a
single chain must be distinguished from its surroundings. Fluorescence labeling is an
established method, which has been applied to observe single DNA molecules. Chu
et al. studied the conformational change of single DNA molecules under elongational
flow.11 However, the conventional fluorescence microscopy suffers from the low spatial
resolution due to the diffraction limit to a half of the wavelength of light. Therefore, the
application of the optical microscopy to single macromolecular imaging has been limited
to the observation of huge biomacromolecules such as DNA. SNOM is an emerging
scanning probe technique, which allows optical measurement with a high resolution
beyond the diffraction limit of light. This enables us to directly observe the conformation
of the single chain, which is fluorescently labeled and silhouetted against surrounding
unlabeled polymers.
In the previous chapter, the author showed that SNOM is a promising method
to observe the elongated conformation of single polymer chains under the uniaxial
deformation. The chain conformation of PMMA was examined under the plastic
deformation. It was shown that the microscopic strain of the single chain was smaller than
the macroscopic strain, suggesting the presence of slipping of polymer chain on the course
of stretching. In the current chapter, the author reports the case of the elastic deformation.
The PMMA films were uniaxially stretched well above the glass transition temperature,
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quenched to room temperature, and then the conformation of the whole single chain was
observed by SNOM. The chain deformations in different molecular weight matrices are
discussed with the results of SNOM and birefringence.
3.2 Experiments
Sample preparation. The synthesis of perylene-labeled PMMA (PMMA-Pe,
Figure 2.1) is described elsewhere.12,13 The fraction of the labeled unit was evaluated
to be 0.77% by UV–Vis absorption (U3500, Hitachi). The unlabeled PMMAs with
high and low molecular weights (denoted as PMMA-h and PMMA-l, respectively)
were synthesized by atom transfer radical polymerization.14 Methyl methacrylate was
polymerized with p-toluenesulfonyl chloride in conjunction with copper(I) chloride and
4,4’-dinonyl-2,2’-dipyridyl at 70 C in vacuum. The weight- and number-averaged
molecular weights, Mw and Mn, were determined by GPC measurement as shown in
Table 3.1.
In order to observe the single labeled chains in the PMMA bulk by SNOM, the sample
containing a trace amount of PMMA-Pe near the surface was prepared in the following
procedure. A mixed toluene solution of the unlabeled PMMA (PMMA-h or PMMA-l)
and PMMA-Pe (0.005 wt % to the unlabeled polymer) was spin-coated onto a glass
substrate to form a film with a thickness of 80 nm. The thin film was floated onto a
water surface and scooped up on a self-standing thick film of the unlabeled PMMA (the
size was 25 mm7 mm, and the thickness was 300 µm), which was prepared separately
Table 3.1: Characterization of PMMA.
Sample Mw=106 Mn=106 Mw=Mn
PMMA-Pe 1.99 1.58 1.26
PMMA-h 1.89 1.53 1.24
PMMA-l 0.176 0.132 1.33
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by the solution casting. The conformation of PMMA-Pe may be affected by the shear
flow in the spin-coating process and the confinement effect of the thin film. Therefore,
the sample film was annealed for 48 h at 200 C, which is longer than the relaxation time
estimated from the literature,15 in vacuum to reach the equilibrium.
Tensile deformation. A tensile tester (RTM-500, Orientec) with a 10 kg load cell
was used for stretching the films. The length between the clamps was 20 mm. The
stretching was carried out at 160 C with a crosshead speed of 5 mm/min. The force and
displacement were monitored on a chart recorder. The extension ratio, λ , was calculated
as l=l0, where l0 and l are the lengths of the film along the stretching direction before and
after the elongation, respectively. The true stress, σ , was evaluated as follows assuming








where F is the force applied to the sample, A is the sample cross section at the extension
ratio of λ , A0 is the cross section at λ = 1. After the stretching to the various extension
ratios, the thermostatic chamber was opened and the film was rapidly cooled by the blow
of air at room temperature. In this quenching procedure, the film was returned to the
glassy state within 10 s.
Birefringence measurement. The birefringence measurement was carried out by
Senarmont method. The optical system was composed of a laser, a polarizer, a
quarterwave plate, an analyzer, and a photo detector. The axes of the polarizer and
the quarterwave plate were set at 45 to the strain axis. After passing through the
oriented sample, the plane polarized light becomes elliptically polarized. The quarterwave
plate converts elliptical polarization into linear polarization with the azimuthal angle,
ϕ , which was determined by rotating the analyzer. The retardation, Γ, was evaluated
as Γ = λL(ϕ=pi), where λL is the incident wavelength. The birefringence, ∆n, was
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determined as ∆n = Γ=d, where d is the sample thickness.
SNOM measurement. The SNOM measurement was performed by a commercially
available instrument (α-SNOM, WITec) using a hollow cantilever probe with a
sub-wavelength aperture of 60 nm. The laser beam at a wavelength of 438 nm
(BCL-015-440, CrystaLaser) was focused onto the backside of the aperture to generate
the optical near-field. While scanning the sample surface in the contact mode with the
cantilever, the perylene fluorescence was collected by a microscope objective (0.80NA,
60, Nikon) from the backside of the substrate, passed through a long-pass filter
(AELP454, Omega Optical), and detected with a photomultiplier (H8631, Hamamatsu
Photonics). The SNOM measurement was carried out in an ambient condition. All the
SNOM images were taken by the same probe.
3.3 Results and Discussion
3.3.1 Stress and Birefringence
Figure 3.1 shows the true stress – extension ratio curves of the PMMA films
stretched at 160 C. Since the extension was carried out much above the glass transition
temperature, the stress monotonously increased with the extension ratio. Figure 3.2 shows
the birefringence of the quenched film plotted against the extension ratio. Birefringence
is related to the orientation of the chain segment as
∆n = Φ∆n0; (3.2)
where ∆n0 is the intrinsic birefringence and Φ is an orientational order parameter












Figure 3.1: True stress – extension ratio curves of PMMA-h and PMMA-l films (solid and
dashed curves, respectively) stretched at 160 C with a crosshead speed of 5 mm/min.
where φ is the angle between the stretching direction and the main axis of the structural
unit, and h i represents the statistical average. The random orientation gives Φ = 0,
whereas the perfect uniaxial orientation gives Φ = 1. The intrinsic birefringence of
PMMA is reported as ∆n0 =  0:0043.16 Applying this value to the birefringence data,
the author calculated the orientational order parameter, which is shown in the right axis
of Figure 3.2. Under the assumption that each entanglement point changes its position
affinely by the macroscopic deformation, the extension ratio dependence of Φ after the








where ne denotes the number of segment between entanglements. The value of ne is
determined from the experimental data of Φ at the early stage of the deformation. The
dashed curve in Figure 3.2 shows the theoretical curve obtained from eq 3.4 with ne = 6:7.
For the PMMA-h film, the experimental values of ∆n (Φ = ∆n=∆n0) almost agreed with
the theoretical values based on the affine network model. The deviation at high extension





















Figure 3.2: Birefringence of the stretched PMMA films plotted against the extension ratio.
Closed and open circles represent PMMA-h and PMMA-l, respectively. The right axis
shows the orientational order parameter, and the dashed curve shows the calculated Φ
value based on the affine network model (eq 3.4).














Figure 3.3: Birefringence of the stretched PMMA films plotted against stress. Closed and










Figure 3.4: Fluorescence SNOM images of single polymer chains in the PMMA-h films
(a) before stretching, and after stretching to the extension ratio of (b) 2.0 and (c) 3.0.
during the extension process. The PMMA-l film showed smaller stress and birefringence
compared with the PMMA-h film because the shorter chains relax more rapidly.
Figure 3.3 shows the birefringence plotted against the stress. The birefringence was
proportional to the stress according to the stress–optical rule,6
∆n =Cσ ; (3.5)
where C is the stress–optical coefficient. This indicates that the stress is directly related to
the orientation of the chain segment, not affected by the finite extensibility of the chain19
and the glassy component20 in the current experimental condition. From Figure 3.3, C
was evaluated to be  1:510 10 Pa 1 , which is in good agreement with the values
reported in the literature.1,2
3.3.2 SNOM Image
Figure 3.4 shows the fluorescence SNOM images of the PMMA films under the
uniaxial extension. The perylene-labeled PMMA chains embedded in the unlabeled bulk
film were observed as the bright spots in the fluorescence image. Each fluorescence spot
was confirmed to be individual PMMA-Pe chain from the statistical analysis.21 Since
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the optical near-field penetrates into the sample film by a few hundred nm, the shape of
the PMMA chain observed in the SNOM image is given as a two-dimensional projection
of the chain conformation. In Figure 3.4a, the single PMMA-Pe chains with the same
molecular weight were observed in various forms, indicating the flexibility of the PMMA
chain. Figures 3.4b and 3.4c depict the SNOM images of the films after stretching at
the extension ratio of 2.0 and 3.0, respectively. These images clearly show the polymer
chains with elongated conformations along the macroscopic stretching direction. It was
confirmed that the conformation of the whole single chain does not change after relaxation
periods of 10–60 s, therefore the conformation was not disturbed by the quenching
process.
3.3.3 Average Chain Extension Ratio
The conformation of the single PMMA chain was quantitatively evaluated from the
fluorescence intensity distribution in terms of the true dimension along the stretching
direction Rxx (eq 2.9), the angle θ between the extension axis and the long axis of the
most appropriate ellipsoid for the segmental distribution (eq 2.7), and the average chain
extension ratio λc (eq 2.8) by the procedure shown in chapter 2. Figure 3.5 shows the
relationship between the extension ratio λc at the single chain level and the ratio λ at the
macroscopic level. As for the samples with the high molecular weight matrix, λc was
almost equal to λ . This indicates the affine deformation of the single polymer chain in
the sense that the dimension of the whole single chain changes in the same ratio as the
macroscopic deformation of the film. It should be noted that SNOM and the birefringence
have different length scale of the observation: SNOM measures the dimension of the
whole contour of the single chain whereas the birefringence measures the orientation of
the segment. As shown in Figure 3.2, some parts of the segmental orientation is relaxed
by the rearrangement in a relatively small length scale, which occurs within the time scale
of the extension process. On the other hand, the relaxation of the chain dimension occurs








Figure 3.5: Average chain extension ratio λc plotted against the macroscopic extension
ratio λ of the film. Closed and open circles represent the samples with PMMA-h
and PMMA-l matrices, respectively. The dashed line indicates the affine deformation
(λc = λ ).
in the tube model.6 In the current condition of the tensile deformation, the relaxation
of the whole single chains hardly occurs during the extension process because of the
large molecular weight of Mw ' 2 106 compared with the molecular weight between
entanglements, Me, of PMMA; Me ' 4–10103.22–24
Next, the extension of the chains embedded in the low molecular weight bulk medium
is considered. The labeled chains in the PMMA-l matrix showed smaller λc than λ .
This is caused by the disentanglement of the matrix chain from the probe chain during the
stretching of the film. Thus, the degree of the chain deformation depends on the molecular
weight of the surrounding chains. The affine deformation of a whole chain is observed
only when the rate of the disentanglement is much slower than the extension of the film.
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Figure 3.6: Histograms of the chain dimension parallel to the stretching direction
normalized by the initial average value in the film (a) before stretching, and after
stretching to the extension ratio of (b) 2.0 and (c) 3.0. The matrix is PMMA-h. The dashed
lines indicate the results of random walk simulation followed by affine deformation.
3.3.4 Distribution of the Chain Conformation
The author next focuses on the conformation of individual polymer chains, taking
the advantage of the single chain observation. Since the author could not observe the
same polymer chain before and after stretching due to the experimental difficulty, the
conformational change is discussed in terms of the distribution of the chain dimension
along the extension axis normalized by its initial average, Rxx=hRxxi0, and the angle θ
between the main axis of the whole chain and the extension axis. Figure 3.6 shows
histograms of Rxx=hRxxi0 for the samples with PMMA-h matrix (λ = 1, 2.0, and 3.0). The
variety of the values results from the conformational distribution of the PMMA chains.
The standard deviations of Rxx=hRxxi0 were 0.43, 0.78, and 1.32 for the samples with
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(c) λ = 3.0
Figure 3.7: Histograms of the orientation angle of the PMMA chain to the stretching
direction of the film (a) before stretching, and after stretching to the extension ratio of (b)
2.0 and (c) 3.0. The matrix is PMMA-h. The dashed lines indicate the results of random
walk simulation followed by affine deformation.
Figure 3.7 shows histograms of θ for the same samples. It clearly shows that before
stretching each chain was randomly oriented. After stretching, the orientation angle shows
the narrow distribution with a peak at θ  0. This indicates that the PMMA chains in the
elongated film takes a stretched conformation along the elongation axis. The distribution
of θ narrowed with the increase of the macroscopic strain. The standard deviations of θ
were 48.1, 21.8, 12.5 for the samples with λ = 1, 2.0 and 3.0, respectively.
The experimental values of Rxx=hRxxi0 and θ are compared with those obtained
from the random walk simulation. The freely-jointed chains were generated in three
dimensional space by Monte Carlo method. In the simulation of the uniaxial extension
of the film, the affine deformation of the all segment was assumed. Rxx was calculated
from eq 2.9 for each generated chain. The angle θ was also determined by the same
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procedure as eq 2.7. The dashed lines in Figures 3.6 and 3.7 show the results of the
random walk simulation. Both of the experimentally obtained histograms for Rxx=hRxxi0
and θ were in good agreement with the random walk simulation on the basis of the affine
deformation not only for the average value but also for the distribution function. This
indicates that the polymer chain with a large molecular weight deforms according to the
affine transformation at the single chain level.
3.4 Conclusion
SNOM was applied to observe the single polymer chains embedded in the PMMA
films, which were stretched much above the glass transition temperature. For the samples
with the high molecular weight matrix, the average chain extension ratio coincided with
the macroscopic extension ratio, showing the affine deformation of the whole chain,
whereas the segmental orientation evaluated from birefringence was smaller than that
expected from the affine network model. Thus, the extension of the polymer chain
depends on its length scale of the observation. In the low molecular weight matrix, the
chain extension ratio was smaller than the macroscopic extension ratio, which is caused
by the disentanglement of the short matrix chain from the probe chain. The variety of
the single chain conformation was analyzed in terms of the chain dimension along the
extension axis, and the angle between the main axis of the whole chain and the extension
axis. For the sample with high molecular weight matrix, these parameters almost agreed
with those obtained from random walk simulation followed by affine deformation not
only for the average value but also for the distribution.
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Relaxation of Single Polymer Chain in PMMA Films
under Uniaxial Extension Observed by SNOM
4.1 Introduction
The relaxation behavior of polymer melts has long been investigated because of its
importance both in scientific and industrial fields. The stress induced by an external
strain is relaxed through the motion of deformed polymer chains to the equilibrium
conformations. In entangled polymer systems, the relaxation is slow because of the
mutual uncrossability of the chains. The dynamics in such systems has been explained by
the molecular models based on the tube model by de Gennes,1 Doi and Edwards.2–5 In
the Doi–Edwards model, the chain motion is constrained in a tube-like region surrounding
the chain backbone. When the system is deformed by a step strain, the chain changes
in conformation according to affine deformation. Then, these chains relax through the
motions along the tube: the contraction of the chain contour and the reptation. The stress
is calculated under these assumptions of the chain dynamics. The tube model has been
improved to explain the viscoelastic properties of various systems by considering the
contour length fluctuation and the relaxation of surrounding chains.6,7 While theoretical
molecular models express the mechanical properties and have been compared with
rheological experiments, they also predict the time evolution of the chain conformation.
The observations of the polymer chain at the various length scales are essential to evaluate
the chain motion, which is assumed in theoretical models. The average dimension of a
whole single chain under external stress has been measured by SANS in concentrated
polymer systems.8–12 The recent improvement of the SANS instrument enabled the
detection of the conformational relaxation consistent with the contraction of the chain
contour.12 The scattering measurement has great advantage in the high resolution; but the
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variety of chain conformations is canceled in the value averaged over the bulk sample.
The observation of individual single polymer chains could reveal the exact behavior
of real chains, which possibly depends on initial chain conformations and surrounding
conditions. The understanding of the distribution of the chain motion will lead to the
improvement of theoretical models, which have been based on the pre-averaged chain
dynamics.7
The direct observation of single polymer chain has been performed for fluorescently
labeled DNA molecules. Chu et al. succeeded in the direct observation of the tube-like
motion of DNA chains by fluorescence microscopy.13 The conformational changes of
DNA molecules in a dilute and entangled solution under flow have also been studied.14,15
However, the conventional fluorescence microscopy has a low spatial resolution of
 250 nm due to the diffraction-limit of light. Therefore, the application of optical
microscopy to single macromolecular imaging has been limited to the observation of
huge biomacromolecules such as DNA. SNOM is an emerging scanning probe technique,
which allows optical measurement with a high resolution beyond the diffraction limit.
This enables us to directly observe the in-situ conformation of the single chain in a
concentrated system.
In the previous chapters, the author observed a deformation of PMMA chains in the
films under uniaxial deformation. It was revealed that the dimension of the whole single
chain increased affinely with the macroscopic strain when the film is stretched well above
the glass transition temperature. In the current chapter, the chain conformation during
the stress relaxation process is investigated by SNOM in contrast with the stress and the
birefringence. Furthermore, the experimental results are compared with the theoretical
prediction by the Doi–Edwards model.
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4.2 Experiments
Sample preparation. Perylene-labeled PMMA (PMMA-Pe, Figure 2.1) was
synthesized as described elsewhere.16,17 The fraction of the labeled unit was evaluated
to be 0.77% by UV–Vis absorption (U3500, Hitachi). The unlabeled PMMA
was synthesized by atom transfer radical polymerization.18 Methyl methacrylate was
polymerized with p-toluenesulfonyl chloride in conjunction with copper(I) chloride and
4,4’-dinonyl-2,2’-dipyridyl at 70 C in vacuum. The weight- and number-averaged
molecular weights, Mw and Mn, were determined by GPC measurement as shown in
Table 4.1.
In order to observe single labeled chains in the PMMA bulk by SNOM, the author
prepared the sample containing a trace amount of PMMA-Pe near the surface by the
following procedure. A mixed toluene solution of unlabeled PMMA and PMMA-Pe
(0.005 wt % to the unlabeled polymer) was spin-coated onto a glass substrate to form
an 80-nm-thick film. The thin film was floated on water and deposited on a self-standing
thick film of unlabeled PMMA (the size was 25 mm 7 mm, and the thickness was
300 µm), which was prepared separately by the solution casting. The conformation
of PMMA-Pe may be affected by the shear flow in the spin-coating process and the
confinement effect of the thin film. Therefore, the sample film was annealed for 48 h
at 200 C, which is longer than the relaxation time estimated from the literature,19 in
vacuum to reach the equilibrium.
Table 4.1: Characterization of PMMA.
Sample Mw=106 Mn=106 Mw=Mn
PMMA-Pe 1.99 1.58 1.26
PMMA 1.89 1.53 1.24
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Tensile deformation. A tensile tester (RTM-500, Orientec) with a 10 kg load cell was
used for stretching the films. The length between the clamps was 20 mm. The stretching
was carried out at 160–200 C with a crosshead speed of 50 mm/min. After the stretching,
the clamp gap was kept constant for time t. Then the films were immediately quenched to
room temperature. The force was monitored on a chart recorder throughout the stretching
and relaxation processes. The extension ratio, λ , was calculated as l=l0 where l0 and l
are the lengths of the film along the stretching direction before and after the elongation,









where F is the force applied to the sample, A is the sample cross section at the extension
ratio of λ , A0 is the cross section at λ = 1.
Birefringence measurement. The birefringence measurement was carried out by the
Senarmont method. The optical system was composed of a laser, a polarizer, a
quarterwave plate, an analyzer, and a photo detector. The axes of the polarizer and the
quarterwave plate were set at 45 to the strain axis. After passing through the oriented
sample, the plane polarized light becomes elliptically polarized. The quarterwave plate
converts it into linearly polarized light, the direction of which is different from the initial
polarization by an angle ϕ . The retardation, Γ, was evaluated as Γ = λL(ϕ=pi), where λL
is the incident wavelength. The accuracy of Γ in this measurement was better than 3 nm.
The birefringence, ∆n, was determined as ∆n = Γ=d, where d is the sample thickness.
SNOM measurement. The SNOM measurement was performed by a commercially
available instrument (α-SNOM, WITec) using a hollow cantilever probe with a
sub-wavelength aperture of 60 nm. The laser beam at a wavelength of 438 nm
(BCL-015-440, CrystaLaser) was focused onto the backside of the aperture to generate
the optical near-field. While scanning the sample surface in the contact mode with the
cantilever, the perylene fluorescence was collected by a microscope objective (0.80NA,
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60, Nikon) from the backside of the substrate, passed through a long-pass filter
(AELP454, Omega Optical), and detected with a photomultiplier (H8631, Hamamatsu
Photonics). The SNOM measurement was carried out in an ambient condition. All the
SNOM images were taken by the same probe.
4.3 Results and Discussion
4.3.1 Stress and Birefringence
Figure 4.1a shows a stress relaxation curve of the PMMA film after the tensile
deformation of λ = 2:0. The author applied the time–temperature superposition principle
to obtain the master curve at a reference temperature Tr = 160 C. The stress monotonously
decreased with time. The shift factor, aT , used to obtain the master curve is shown in
Figure 4.1b. The solid curve in Figure 4.1b represents the WLF equation:
logaT = 9:78(T  Tr)130+T  Tr ; (4.2)
which is consistent with the literature.19
The strain dependence of the stress relaxation was investigated in terms of the apparent
Young’s modulus defined by Ea = 3σ=(λ 2 λ 1).20 Figure 4.2 shows Ea of the PMMA
films stretched to λ = 1.3–2.5 plotted against time. If the strain is within the linear
regime, Ea would be independent of strain. In the time range of this experiment, Ea
depended on the strain and the curves were not parallel: the larger the strain was, the
faster Ea decreased. This fast relaxation is attributed to the contraction presented in the
Doi–Edwards theory. In the rest of this paper, the case of λ = 2:0 is investigated.
Figure 4.3 shows the birefringence plotted against the stress, in which the data for the
extension process (open circles) from chapter 3 are also shown. The birefringence was
in proportion to the stress in both the extension and relaxation processes according to the
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Figure 4.1: (a) Stress relaxation master curve for the PMMA film with λ = 2:0 at 160C.
(b) Shift factor of PMMA to form the master curve. The solid curve represents the WLF
equation (eq 4.2).
stress–optical rule,5
∆n =Cσ ; (4.3)
where C is the stress–optical coefficient. The value of C was evaluated to be
 1:510 10 Pa 1. Since the birefringence arises from the orientational anisotropy of
the monomers, the stress is directly related to the orientation of the chain backbone.
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Figure 4.3: Birefringence plotted against stress. Open and closed circles represent the
extension and relaxation processes, respectively.
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Figure 4.4: Fluorescence SNOM images of single polymer chains in the PMMA films,
which were quenched immediately after the stretching (a), and after the relaxation periods,
a 1T t, of 3:6103 s (b), and 7:1104 s (c). The macroscopic extension ratio is 2.0.
4.3.2 Chain Conformation during the Relaxation Process
Figure 4.4 shows the fluorescence SNOM images of the PMMA films immediately
after stretching (a) and during the stress relaxation process (b, c). The perylene-labeled
PMMA chains embedded in the unlabeled bulk film were observed as bright spots in the
fluorescence image. Each fluorescence spot was confirmed to be individual PMMA-Pe
chain from the statistical analysis.16,21 Since the optical near-field penetrates into the
sample film by a few hundred nm, the shape of the PMMA chain observed in the SNOM
image is given as a two-dimensional projection of the chain conformation. These images
clearly show the polymer chains with elongated conformations along the macroscopic
stretching direction. The stresses of the samples in Figures 4.4a, b, and c were 2.46, 1.74,
and 1.17 MPa, respectively. Even during this stress relaxation process, many of the chains
showed elongated conformations as shown in panels b and c of Figure 4.4.
The conformation of the single PMMA chain was quantitatively evaluated from the
fluorescence intensity distribution in terms of the true dimension along the stretching
direction Rxx (eq 2.9) by the procedure shown in chapter 2. The results of the single chain
analysis of the SNOM images are summarized in Figure 4.5, which shows histograms
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Figure 4.5: Histograms of the chain dimension parallel to the stretching direction, which
was normalized by the initial average value, in the films before stretching (a), quenched
immediately after the stretching (b), and after the relaxation periods, a 1T t, of 3:6103 s
(c), and 7:1104 s (d).
average, hRxxi0. Figure 4.5a shows the conformational distribution of flexible PMMA
chains in the equilibrium state. The dimension of each chain increased by the stretching
of the film (Figure 4.5b). The distribution of Rxx=hRxxi0 did not significantly change at the
early stage of the relaxation process (Figure 4.5c). The chain dimension clearly decreased
for the samples with a longer relaxation period (Figure 4.5d).
The author first focuses on the time evolution of the average value in terms of the
molecular extension ratio at the single chain level, λc, which is defined by eq 2.8.
Figure 4.6 shows λc and the stress plotted against time. Soon after the stretching, λc was
equal to the macroscopic extension ratio of the film, λ , showing the affine deformation.
The macroscopic stress decreased over the whole time range of the observation. On
the other hand, λc almost kept the initial value of 2.0 at the early stage of the stress
relaxation process (aT t 1 < 1104 s). This indicates that the whole chain kept a stretched
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Figure 4.6: Chain extension ratio (closed circles) and stress (open circles) plotted against
time, which was reduced to 160 C. The macroscopic extension ratio is 2.0. Solid
and dashed curves indicate the chain extension ratio and stress calculated from the
Doi–Edwards model, respectively.
Figure 4.7: Chain extension ratio plotted against stress. Open and closed circles represent
the extension and relaxation processes, respectively.
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conformation in the short time scale in spite of the decrease in the stress.
Figure 4.7 shows λc plotted against the stress during the extension (data from
chapter 3) and relaxation processes. In the extension process, λc increased with the stress.
At the early stage of the relaxation process, however, the extension ratio of the single
chain was not dependent on the decrease in the stress. λc does not directly correspond
with the stress, whereas the birefringence is related to the stress (Figure 4.3).
4.3.3 Comparison with Doi–Edwards Model
The experimental data are compared with the Doi–Edwards model. First, the affine
deformation is assumed for a step strain. The contour length, L, and the orientation of the
primitive chain are increased by the deformation. Then, the relaxation takes place through
following three steps: (A) the redistribution of monomers between the entanglements, (B)
the contraction of the chain contour, and (C) the reptation of the entire chain with the
relaxation times of τA, τB, and τC, respectively.
In step A, the stress decreases according to σ ∝ t 1=2. In the time scale of the
current experiment, this fast relaxation was not observed. Since step A does not affect
the conformation of the whole chain, hRxx2i and hLi are the same with those after the
affine deformation: hRxx2i= λ 2hRxx2i0, and hLi= αhL0i, where α is the average stretch
ratio of the contour length of the primitive chain, and L0 is L at the equilibrium. α is
a monotonically increasing function with strain: α = 1:23 for the uniaxial extension of
λ = 2:0.5 At step B, where L reduces to L0, the stress decreases by a factor of 1=α2
through the decrease in the contour length and the increase in the number of monomers
between entanglements. When the Rouse model is applied to step B, the time evolution





















where G0N is plateau modulus, and Q denotes the orientation immediately after the step






The relaxation time of step B is τB = τA(M=Me)2, where Me is the molecular weight
between entanglements: Me = ρRT=G0N , where ρ is the density, R is the gas constant, and
T is the temperature. At step C, the conformation is relaxed to the equilibrium through
reptation. The stress and hRxx2i are related to the fraction of the primitive chain segment


















































The relaxation time of the step C is τC = 3τA(M=Me)3.
The author fitted the stress relaxation curve using eq 4.7 with τA and the plateau
modulus G0N as the fitting parameters. The theoretical stress relaxation curve is shown
as a dashed curve in Figure 4.6. The best fit values were τA = 4:0  10 2 s and
G0N = 0:72 MPa. These values are consistent with the experimental values obtained
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from shear measurements in the literature.20,23 The relaxation times of steps B and C
were calculated as τB = 4:5 103 s and τC = 4:5 106 s, respectively. Therefore,
the stress relaxation is mainly caused by step B in the time range of this experiment.
This is consistent with the strain-dependent decrease of the relaxation modulus shown in
Figure 4.2, because step B is a strain-dependent process. The inconsistency between the
experimental and theoretical values at the longer time (aT t 1 > 1104 s) may be caused
by the motion of the matrix chains, which leads to disentanglement. Using the parameters
obtained from the analysis of the stress relaxation, the author calculated the theoretical
curve for λc from eq 4.11 (solid curve in Figure 4.6). The theoretical prediction was
consistent with the experimental data in the time range of a 1T t < 1104 s, showing the
slow reduction of λc. At step B, the reduction of λc originates from the decrease in the
tube length. On the other hand, the stress reduces through not only the decrease in the
tube length but also the increase in the number of monomers between entanglements. The
faster relaxation in stress is caused by the conformational change at the short length scale,
which hardly affects the dimension of the whole chain level.
4.3.4 Distribution of the Chain Relaxation
The author next focuses on the distribution function of Rxx. In the contraction process,
the degree of relaxation could be different for each chain because the stretch ratio of the
chain contour, L=L0, could be different for each chain: the chain with a larger L=L0
shows a larger relaxation through the contraction.7 This leads to a change in the shape
of the distribution function for Rxx. In order to focus on the shape of the distribution
function, the histograms of Rxx in Figure 4.5 were redrawn to Figure 4.8 in terms of the
chain dimension normalized by the average value of each sample, Rxx=hRxxi. In the film
immediately after stretching (panel b in Figure 4.8), the shape of the distribution function
of Rxx=hRxxi did not significantly change from that before stretching (panel a). This is
consistent with the picture of the affine deformation. Every chain is stretched with a
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Figure 4.8: Histograms of the chain dimension parallel to the stretching direction, which
was normalized by the average value for each sample, in the films before stretching (a),
quenched immediately after the stretching (b), and after the relaxation periods, a 1T t, of
3:6103 s (c), and 7:1104 s (d).
In the stress relaxation process (panels c and d), the distribution functions retained the
shape. This implies that each chain has a similar stretch ratio of the chain contour L=L0
and also shows similar relaxation behavior in the contraction process. This is probably
due to the high molecular weight of the sample. In the present case, the number of
entanglement segments per chain is large: Mw=Me  340. Therefore, the orientation
of the primitive chain segment was well averaged over the whole single chain. This
intramolecular statistics leads to the similar L=L0 values of every chains, consequently
the homogeneous relaxation during the contraction process.
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4.4 Conclusion
The relaxation of single PMMA chains in a uniaxially stretched film was directly
observed by SNOM in real space. It was found that the whole chain kept an elongated
conformation in spite of the decrease in stress at the early stage of the relaxation process.
The experimental data was consistent with the contraction process in the Doi–Edwards
model. This suggests that the faster relaxation in stress is caused by the conformational
change at the small length scale, which hardly affects the conformation at the whole
chain scale. The shape of the distribution function of the chain dimension did not change
significantly during the relaxation process, implying homogeneous chain relaxation on a
whole chain scale for the well entangled system. Thus direct observation of the single
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Relaxation of Single Polymer Chain
in Binary Molecular Weight Blends Observed by SNOM
5.1 Introduction
The relaxation behavior of a polymer chain has long been investigated through both
theoretical and experimental approaches because of its importance in various applications
such as polymer processing and material design. Most of the molecular models describing
the behavior of a polymer chain in an entangled system are based on the tube model
by de Gennes,1 Doi and Edwards.2–5 In the original Doi–Edwards model, dynamic
properties of monodisperse linear polymers are calculated from the motion of a single
chain in a fixed network. The motion of a polymer chain is assumed to be restricted
by a tube surrounding the chain backbone, which represents the entanglements among
the neighboring chains. The tube model has been improved to explain the viscoelastic
properties of various systems.6,7 The assumption of the fixed network cannot be applied
to polydisperse systems because of the fast relaxation of the short chains, which leads
to the disentanglement between the long and short chains and allows the local motion
of the long chain in a lateral direction to its backbone. The relaxation caused by the
disentanglement from the surrounding chains has been considered theoretically with
the picture of the constraint release.8 Both analytical calculations9,10 and stochastic
simulations11–15 have been used to express entangled chain dynamics, which contains
the effect of constraint release. The slip-link models are able to simulate the dynamics
of the polymer chains with molecular weight distributions and have used to describe the
polydisperse systems. Experimentally, the binary blend of the same chemical species
with different molecular weights has been studied as the most simple model system of the
polydispersity through various methods such as rheological measurement,16–18 optical
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measurement,19 infrared absorption dichroism,20 dielectric measurement,21 and neutron
scattering.22,23 The contrast enhancement techniques by introducing the deuterium and
fluorescent moiety are powerful approach to reveal the dynamics of a selective component
in blend systems. However, previous experiments provide physical values averaged
over a large number of chains. The direct observation of the single chain would be
a more effective approach to reveal the chain dynamics in blend systems because the
disentanglement depends on the surrounding conditions of individual chains.
The fluorescence labeling is an established method to distinguish a polymer
chain from its surroundings. This has been applied to the observation of single
DNA molecules under the fluorescence microscopy.24–26 However, the conventional
fluorescence microscopy suffers from the low spatial resolution of a half of the wavelength
of light due to the diffraction limit. The higher resolution is needed to observe
individual flexible polymer chains since their typical sizes are in the order of 10–100 nm.
SNOM is an emerging scanning probe technique, which allows optical measurement
with a high resolution beyond the diffraction limit. The combination of fluorescence
labeling and SNOM enables us to directly observe the in-situ conformation of the single
chain. Furthermore, the orientation of the dye in the fluorescently labeled polymer
can be evaluated by the use of polarized light because the absorption and fluorescence
anisotropies reflect the orientation of the transition dipole. The polarization measurements
under near- and far-field microscopy reveal the spatial distribution of the orientational
anisotropy.27
In the previous chapters, the author observed a deformation of PMMA chains in the
nearly monodisperse PMMA films under uniaxial deformation during the extension and
relaxation processes. It was found that the dimension of the whole single chain increased
affinely with the macroscopic strain when the film is stretched well above the glass
transition temperature, and the whole chain keeps the elongated conformation in spite
of the decrease in the stress at the early stage of the relaxation process. The observed
chain behavior was successfully explained by the contraction process of the Doi–Edwards
66
model.3,5 The assumption of the fixed network is reasonable to describe the chain
relaxation at the early stage in the well-entangled monodisperse system. In the current
study, the effect of the disentanglement with surrounding chains on the conformational
relaxation is investigated through the direct observation of the single polymer chain in
PMMA blend films of long and short chains (L- and S-chains, respectively) during the
stress relaxation process. The relaxation process for the conformation of the whole chain
contour and the segmental orientation was directly observed for the individual L-chains
by near-field and polarization modulation microscopy. The experimental results were
discussed in comparison with the prediction from the slip-link simulation based on the
Doi–Takimoto model.14,28
5.2 Experiments
Sample preparation. The synthesis of perylene-labeled PMMA (L-Pe, Figure 2.1)
is described elsewhere.29,30 The fraction of the labeled unit was evaluated to
be 0.77% by UV–Vis absorption (U3500, Hitachi). The unlabeled PMMA was
synthesized by atom transfer radical polymerization.31 Methyl methacrylate was
polymerized with p-toluenesulfonyl chloride in conjunction with copper(I) chloride and
4,4’-dinonyl-2,2’-dipyridyl at 70 C in vacuum. The weight- and number-averaged
molecular weights, Mw and Mn, were determined by GPC measurement as shown in
Table 5.1.
Table 5.1: Characterization of PMMA.
Code Mw=104 Mn=104 Mw=Mn
L-Pe 199 158 1.26
L 212 133 1.60
S17 17.6 13.2 1.33
S07 7.10 6.22 1.14
S03 2.93 2.61 1.12
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Sample films were prepared by the blends of long (L) and short (S17, S07, or S03)
PMMAs where a trace amount of the probe L-Pe chain was dispersed. In the SNOM
measurement, the fluorescent moiety far below the surface cannot be observed; therefore,
the probe chain should exist within 200 nm beneath the surface. The sample films
prepared in the following procedure. A mixed toluene solution of unlabeled and labeled
PMMA (0.005 wt % to the unlabeled polymer) was spin-coated onto a glass substrate
to form a film with a thickness of 80 nm. The self-standing thick film of unlabeled
PMMA (the size was 25 mm 7 mm, and the thickness was 300 µm) with the same
blend composition as the matrix of the thin film was prepared separately by solution
casting. The thin film was floated onto a water surface and scooped up on a thick film.
The conformation of L-Pe may be affected by the shear flow in the spin-coating process
and the confinement effect of the thin film. Therefore, the sample film was annealed for
48 h at 200 C, which is longer than the relaxation time estimated from the literature,32
in vacuum to reach the equilibrium.
Tensile deformation. A tensile tester (RTM-500, Orientec) with a 10 kg load cell was
used to stretch the films. The length between the clamps was 20 mm. The stretching was
carried out at 160–200 C with a crosshead speed of 50 mm/min. After the stretching, the
clamp gap was kept constant for time t. Then the films were immediately quenched to
room temperature. The force was monitored on a chart recorder throughout the stretching
and relaxation processes. The extension ratio, λ , was calculated as l=l0 where l0 and l
are the lengths of the film along the stretching direction before and after the elongation,









where F is the force applied to the sample, A is the sample cross section at the extension
ratio of λ , A0 is the cross section at λ = 1.
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Birefringence measurement. The birefringence measurement was carried out by
Senarmont method. The optical system was composed of a laser at a wavelength
λL = 532 nm, a polarizer, a quarterwave plate, an analyzer, and a photo detector. The
axes of the polarizer and the quarterwave plate were set at 45 to the strain axis of the
oriented sample. After passing through the oriented sample, the plane polarized light
becomes elliptically polarized. The quarterwave plate converts it into linearly polarized
light, the direction of which is different from the initial polarization by an angle ϕ . The
retardation, Γ, was evaluated as Γ = λL(ϕ=pi). The accuracy of Γ in this measurement
was better than 3 nm. The birefringence, ∆n, was determined as ∆n= Γ=d, where d is the
sample thickness.
Excitation polarization modulation microscopy. The orientation anisotropy of
fluorescence dye was measured under an inverted fluorescence microscope (TE-2000,
Nikon) equipped with an EMCCD camera (Cascade II, Roper Scientific). A 442 nm
laser beam was passed through an electro-optic modulator (EOM) (EO-AM-NR-C4,
THORLABS), and focused on the sample through an objective lens (100, 1.4 NA,
Nikon). The fluorescence signal was collected through a filter cube (BV-2A, Nikon),
which contains a dichroic mirror (455 nm) and a longpass filter (470 nm). The direction
of the linearly polarized excitation beam was alternately modulated in the parallel and
perpendicular direction to the stretching axis at a frequency of 0.25 Hz by the EOM.
SNOM measurement. The SNOM measurement was performed by a commercially
available instrument (α-SNOM, WITec) using a hollow cantilever probe with a
sub-wavelength aperture of 60 nm. The laser beam at a wavelength of 438 nm
(BCL-015-440, CrystaLaser) was focused onto the backside of the aperture to generate
the optical near-field. While scanning the sample surface in the contact mode with the
cantilever, the perylene fluorescence was collected by a microscope objective (0.80NA,
60, Nikon) from the backside of the substrate, passed through a long-pass filter
(AELP454, Omega Optical), and detected with a photomultiplier (H8631, Hamamatsu
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Photonics). The SNOM measurement was carried out in an ambient condition. All the
SNOM images were taken by the same probe.
5.3 Results and Discussion
5.3.1 Stress and Birefringence
Figure 5.1 shows stress relaxation curves of PMMA films after the tensile deformation
of λ = 2:0. The author applied the time–temperature superposition principle to obtain
master curves at 160 C. The shift factor, aT , used to obtain the master curves is shown in
Figure 5.1c. The solid curve in Figure 5.1c represents the WLF equation:
logaT = 9:78(T  Tr)130+T  Tr ; (5.2)
which is consistent with the literature.32 The shift factor was almost the same among the
samples used in this study. Figure 5.1a shows the blend ratio dependence of the stress
relaxation curves for the L/S17 blends. The lower the fraction of the L-chain (wL) was,
the faster the stress decreased, reflecting the faster relaxation of the S-chains. Figure 5.1b
shows the dependence of the stress on the molecular weight of the S-chains, MS, for the
samples with wL = 0:50. The lower the molecular weight of the S-chain was, the faster the
stress decreased at the early stage of the relaxation process. This is caused by the faster
relaxation of the shorter chains. The L/S07 and L/S03 blends showed plateau-like region,
where the stress was almost independent of MS. In this region, the stress relaxation curves
for the blend films were similar to that for the monodisperse system, suggesting that the
relaxation behavior is dominated by the entanglements among L-chains.
Figure 5.2 shows the birefringence plotted against the stress. The birefringence
was proportional to the stress regardless of the blend composition according to the
stress–optical rule,5
∆n =Cσ ; (5.3)
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Figure 5.1: Stress relaxation master curves for the PMMA films with λ = 2:0 at 160C:
(a) L/S17 blends, and (b) blends with wL = 0:50. (c) Shift factor of PMMA to form the
















Figure 5.2: Birefringence plotted against stress. The symbols are the same as those in
Figure 5.1.
where C is the stress–optical coefficient. The value of C was evaluated to be
 1:510 10 Pa 1. Since the birefringence arises from the orientation of the chain
segment, the stress relaxation is directly related to the relaxation of the segmental
orientation. In the binary blend films, the birefringence indicates the segmental
orientation averaged over the all components.
5.3.2 Orientation of Fluorescence Dye
In order to evaluate the segmental orientation of the single L-chains, the orientation of
the dye molecule in the labeled polymer was measured through the excitation polarization
modulation microscopy. When a fluorescent molecule is excited by linearly polarized
light, the excitation probability is proportional to cos2 χ , where χ is the angle between the
electric vector of the polarized light and the absorbing axis of the molecule. Because the
fluorescence intensity is proportional to the excitation probability, the orientation of the
molecule can be determined by measuring the dependence of the fluorescence intensity
on the polarization state of the excitation light. The orientation of the dye molecules in
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Figure 5.3: Anisotropy images of single polymer chains obtained by excitation
polarization modulation microscopy in the PMMA films before stretching (a),
immediately after the stretching (b), and after the relaxation periods a 1T t = 3:6 103 s
(c,d). The matrices are (a–c) L, and (d) L/S17 (wL = 0:20).
each labeled chain was examined in terms of the excitation anisotropy (Ix  Iy)=(Ix+ Iy),
where Ix and Iy are the intensities of the fluorescence from each labeled chain excited
by linearly polarized light in x and y directions, respectively. The x axis is defined as
the macroscopic extension axis of the film and y axis perpendicular to it. Figure 5.3
shows anisotropy images of the labeled polymers in PMMA films obtained by excitation
polarization modulation microscopy. Each fluorescence spot was confirmed to be an
individual L-Pe chain from the statistical analysis.33 Since each chain was observed in
a circular shape due to the diffraction limit in the image obtained by the far-field set
































Figure 5.4: Histograms of excitation anisotropy of chains obtained by excitation
polarization modulation microscopy for the films before stretching (a), immediately after
the stretching (b), and after the relaxation periods a 1T t = 3:6103 s (c,d). The matrices
are (a–c) L, and (d) L/S17 (wL = 0:20).
chain. Figure 5.4 shows histograms of (Ix   Iy)=(Ix + Iy). In the film before stretching,
(Ix   Iy)=(Ix + Iy) was symmetrically distributed around zero, indicating the isotropic
orientation. The anisotropy increased with the stretching of the film, and decreased in
the stress relaxation regime.
The orientational order parameter of the fluorescence dye in each chain is defined as
p = (3hcos2φdi 1)=2; (5.4)
where φd is the angle between x axis and the molecular axis of the dye, and h i represents
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The averaged value of p weighted by the signal intensity corresponds to the orientational
order parameter of the dye in all the observed chains:
p¯ = ∑(Ix+2Iy)p∑(Ix+2Iy) = (3hcos
2φdi 1)=2; (5.6)
where the summation and the average are taken over the observed chains and dyes,
respectively. On the other hand, the orientational order parameter of the main chain,
Φ = (3hcos2φci 1)=2; (5.7)
where φc is the angle between x axis and the main axis of the structural unit, is evaluated
from the birefringence:
Φ = ∆n=∆n0; (5.8)
where ∆n0 is the intrinsic birefringence of PMMA (∆n0 = 0:0043).34
Figure 5.5a shows p¯ plotted against the birefringence for the monodisperse film
during the extension and relaxation processes. In this film, p¯ was proportional to the
birefringence. The excitation anisotropy corresponds to the orientation of the dye moiety
labeled on the PMMA chain. The proportionality between p¯ and ∆n indicates that the dye
moiety reflects the orientation of the main chain. Thus, the segmental orientation of the
PMMA chain can be examined in terms of the excitation anisotropy. The value of Φ is
shown in the upper axis of Figure 5.5. The orientational order parameter of the dye was
smaller than that of the main chain evaluated by the birefringence, whereas they showed a
proportionality in the range of this experiment. The dye moiety was introduced in the side
chain ester group; therefore, the relaxation of the ester bond results in the decrease of the
orientational order parameter of the dye compared to that of the main chain. Figure 5.5b
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Figure 5.5: Average excitation anisotropy plotted against birefringence. (a) The
monodisperse system of L. Open and closed circles indicate the extension and relaxation
processes, respectively. (b) The blend system of the L- and S-chains. The symbols are the
same as those in Figure 5.1. The upper axis shows the orientational order parameter of
main chain.
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Figure 5.6: Average excitation anisotropy of PMMA films plotted against time for (a)
L/S17 blends, and (b) blends with wL = 0:50.
shows p¯ plotted against the birefringence in the blend films during the stress relaxation
process. In these samples, p¯ and the birefringence showed the different relationship
from the monodisperse system. In the blend films, p¯ reflects the segmental orientation
of the L-chains, whereas the birefringence originates from the segmental orientation of
the all components. The faster relaxation in the birefringence than p¯ during the relaxation
process is caused by the faster relaxation of the S-chains than the L-chains.
Figure 5.6a shows p¯ for L/S17 blends plotted against time. The anisotropy decreased
faster with the decrease in wL. This indicates that the segmental relaxation of the L-chains
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were accelerated by the addition of the S-chains. Figure 5.6b shows MS dependence of p¯.
The faster decrease in p¯ was observed in the lower MS samples at the early stage of the
relaxation, whereas p¯ reaches plateau and almost independent of MS in the longer time
region. This is consistent with the theoretical molecular picture of the constraint release.
When an S-chain relaxes, its entanglements with the L-chains disappear. This releases a
part of the L-chain from the constraint, resulting in the segmental relaxation by the local
motion of the L-chain. With lower wL or MS, the frequency of the constraint release event
increases, and therefore the relaxation rate increases in the short time region. On the other
hand, the reptation of the L-chains is needed to fully relax because the L-chains mutually
entangle in these systems.
5.3.3 Conformation of Single Polymer Chain
Figure 5.7 shows the fluorescence SNOM images of the PMMA films. The
perylene-labeled PMMA chains embedded in the unlabeled bulk film were observed
as the bright spots in the fluorescence image. Each fluorescence spot corresponds to
single polymer chain. Since the optical near-field penetrates into the sample film by a
few hundred nm, the shape of the PMMA chain observed in the SNOM image is given
as a two-dimensional projection of the chain conformation. For the film immediately
after the stretching (Figure 5.7b), the image clearly shows the polymer chains with
elongated conformations along the macroscopic stretching direction. Even during the
stress relaxation process in the monodisperse system (Figure 5.7c), many of the chains
showed elongated conformations. In the blend film (Figure 5.7d), the degrees of extension
of the chains were somewhat smaller than those in the monodisperse system, indicating
the fast conformational relaxation.
The conformation of the single PMMA chain was quantitatively evaluated from the
fluorescence intensity distribution in terms of the true dimension along the stretching
direction Rxx (eq 2.9) and the average chain extension ratio λc (eq 2.8) by the procedure
shown in chapter 2. Figure 5.8 shows the chain extension ratio in the blend films plotted
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Figure 5.7: Fluorescence SNOM images of single polymer chains in the PMMA films
before stretching (a), immediately after the stretching (b), and after the relaxation periods
a 1T t = 3:6103 (c,d). The matrices are (a–c) L, (d) L/S17 (wL = 0:20).
against time. λc indicates the extension ratio of the labeled L-chains in the blend films.
Figure 5.8a shows the blend ratio dependence of λc. In the monodisperse sample of the
L-chain, λc almost kept the initial value of 2.0 at the early stage of the relaxation process
as shown in chapter 4. In the blend films, the lower wL samples showed the smaller
values of λc in the early time region. This indicates that not only the segmental relaxation
but also the relaxation of the whole chain is accelerated by the addition of the S-chains.
Even in the samples quenched immediately after the stretching, λc was smaller than the
macroscopic extension ratio of 2.0, implying that the fast relaxation proceeds even during
the extension process. Figure 5.8b shows the MS dependence of λc. The lower MS samples
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Figure 5.8: Chain extension ratio of L-chains plotted against time for (a) L/S17 blends,
and (b) blends with wL = 0:50.
showed the faster decrease in λc. These dependencies of λc on wL and MS suggests that
the fast relaxation of λc is caused by the disentanglement between the L-chain and the
S-chain. In the longer time region, λc hardly decreased with time after the fast relaxation
in stress had been completed (a 1T t > 5 102, 2 103, and 5 104 s for L/S03, L/S07,
and L/S17, respectively). The complete conformational relaxation is restricted by the
entanglement among the L-chains. The further decrease in λc is expected to proceed by
the motion of L-chains, which was not observed in the time range of this experiment.
Figure 5.9 shows histograms of the chain dimension parallel to the stretching direction
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Figure 5.9: Histograms of the chain dimension parallel to the stretching direction, which
was normalized by the initial average value, for the films before stretching, quenched
immediately after the stretching, and after the relaxation periods a 1T t = 3:6103 s. The
matrices are (a) L, and (b) L/S17 (wL = 0:20).
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for the monodisperse film. The dimension of each chain increased by the stretching of the
film. The distribution function of Rxx=hRxxi0 did not significantly change at the early stage
of the relaxation process (a 1T t = 3:6 103 s). An example of the result for the blend is
shown in Figure 5.9b. In this system, the distribution function of Rxx=hRxxi0 immediately
after the stretching was peaked at the smaller value compared with monodisperse system,
and it showed the tail in the large Rxx=hRxxi0 region. The broad distribution was also
seen in the relaxation process. This implies that each chain shows different extension
and relaxation behaviors in the blend films. This would happen because the state of the
entanglement with the surrounding chains, and therefore the effect of the disentanglement,
is different chain by chain.
5.3.4 Comparison with the Slip-Link Simulation
The experimental data was compared with the slip-link simulation based on
Doi–Takimoto model using a PASTA system.14,28 In this model, the polymer system
consists of chains virtually linked to other chains by pairwise slip links. These slip links
represent the constraints by the entanglement with the other chains. The number of the
slip links in a chain is equal to the number of entanglement, Z, and the average distance
between the slip links equals to the average distance between entanglements, ae. Each
chain is deformed affinely by the macroscopic strain of the sample. Then the chain is
relaxed though the contour length fluctuation and the reptation. If the end of the chain
passes through the last slip link of the chain in these relaxation processes, the slip link
and its partner vanish. This represents the constraint release. If, on the other hand, the
length of the tail at the end of the path becomes longer than ae, a new slip link is created at
the end, and its partner is created on a randomly selected chain (constraint creation). The
stress is calculated through the conformations of the chains. The model parameters to fit
the simulation and experimental results are the molecular weight between entanglements,
Me, and the unit time, τe, which is the Rouse time of the sub-chain with the molar mass
Me.
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Figure 5.10: The orientational order parameters of the main chain for the entire system
(open symbols and broken lines) and L-chains (closed symbols and solid lines) plotted
against time, which were obtained from the experiment (symbols) and the simulation
(lines) for (a) L, (b) L/S17 (wL=0.50), (c) L/S17 (wL=0.20), (d) L/S17 (wL=0.05), (e)
L/S07 (wL=0.50), and (f) L/S03 (wL=0.50).
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Figure 5.10 shows the orientation functions for the entire system and the L-chain,
Φ and ΦL, respectively, which were obtained from the experiment and the simulation.
The values of ΦL for the experiment were evaluated from the value of p¯ using the
proportionality between the orientation function of the fluorescence dye and the main
chain (Figure 5.5a). The parameters for the simulation were determined by fitting to
the experimental stress relaxation curves for monodisperse L and S17: τe = 0:10 s and
Me = 5000. These values are consistent with the experimental values obtained from
shear measurements in the literature.35,36 The predictions of the simulation were in
good agreement with the experimental data for all the samples. The acceleration of the
segmental relaxation of the L-chains by the addition of the S-chains was well described
by the assumption of the constraint release.
The chain extension ratio of the L-chains predicted by the simulation is shown by
curves in Figure 5.11. For the monodisperse sample, the simulation was consistent with
the experiment at the early stage of the relaxation, showing the slow relaxation in λc. For
the blends, on the other hand, the value of λc was inconsistent with the experimental data.
The decrease in λc by the addition of the S-chains was not reproduced by the simulation.
The acceleration of the decrease in λc was predicted only near the terminal relaxation
time, which is out of the time range of this experiment. Although the local orientation is
relaxed by constraint release, the conformation at the whole chain scale hardly changes
in the simulation. This is because the simulation for the constraint release assumes the
local jump within the length scale of the distance between the entanglements. As the
result, the global relaxation of the whole chain proceeds mainly by the motion of the
chain by itself like the contour length equilibration and reptation in the model. This is
consistent with the experimental data in the long time region in the sense that the further
relaxation hardly proceeds. The discrepancy in the value of λc mainly arises at the early
stage of the relaxation process or the extension process. In this time region, the relaxation
of a L-chain is expected to be dominated by the contraction of the chain contour and the
disentanglement with the surrounding chains. This competition between the contraction
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Figure 5.11: Chain extension ratio of L-chains plotted time, which was obtained from
experiment (symbols) and simulation (lines).
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and the constraint release in the non-linear region would be important for describing the
relaxation behavior at the whole chain scale.
5.4 Conclusion
The single polymer chains in binary molecular weight blends during the stress
relaxation process were observed by the excitation polarization modulation microscopy
and SNOM. The relaxation in the segmental orientation of the long chain, which was
evaluated by the excitation polarization microscopy, was accelerated by the addition of the
short chains. The global chain dimension evaluated by SNOM also showed the smaller
value from the early stage of the relaxation process in the system with short chains.
This suggests that not only the segmental orientation but also the whole chain dimension
decreases by the disentanglement. The distribution function of the chain dimension in
the blend film was broader than that in the monodisperse film, implying that the effect of
the disentanglement is different chain by chain. The fast relaxation in the whole chain
dimension was inconsistent with the theoretical model, which predicts that the relaxation
at the whole chain scale is not accelerated by the constraint release. The deviation
mainly occurs in the non-linear region, which should be further investigated from both
experimental and theoretical points of view at the various length scales.
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Chapter 6
Conformation of Single Polymer Chain in Rubbed Thin Film
Observed by SNOM
6.1 Introduction
The surface properties of polymer materials such as friction, wettability, and adhesion
play an important role in the practical use. These macroscopic properties are dominated
by the structure of the polymer chain near the surface. The understanding of the polymer
chain near the surface is essential to control and improve the performance of polymer
materials. The rubbing process is an important surface modification method. It is
well known that liquid crystal molecules are strongly aligned on a rubbed polymer
surface, and it has been applied to flat panel displays.1 The orientational order of
polymer chains in a film increases by the rubbing process, which has been evaluated
by birefringence2–4 and infrared absorption3–5 measurements. In recent years, the
surface sensitive experimental techniques have been developed such as grazing incidence
X-ray scattering,6 near-edge X-ray absorption fine structure,7–9 and sum-frequency
generation vibrational spectroscopy,10 and they revealed that the rubbing induces the
higher orientation near the surface than the bulk. The surface morphology of the rubbed
film has been investigated by AFM.11–14 It was shown that the groove like structure
was formed during the rubbing process. Using these methods, the effect of the rubbing
has been investigated in terms of the orientation at the monomeric scale and the surface
morphology. However, the less information has been obtained for the behavior of polymer
chains under rubbing compared with those under the tensile and shear deformations. For
example, the conformation of a single polymer chain at the whole chain scale, which is
characterized by parameters such as radius of gyration, has not been investigated so far for
the chain in the rubbed film. The approaches from the various length scales are essential to
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describe the exact chain behavior.15 Furthermore, the orientation obtained from previous
measurements suffers from blur by averaging over a large number of molecules. The
direct observation of the single chain would be a more effective approach to reveal the
response of the polymer chain to the rubbing, which could be inhomogeneous.
SNOM is an emerging scanning probe technique, which allows optical measurement
with a high resolution beyond the diffraction limit of light. The fluorescence
labeling technique can be combined with SNOM. This enables us to directly observe
the conformation of the flexible single chain with a high resolution, which is
fluorescently labeled and contrasted to surrounding unlabeled polymers. Furthermore, the
topographic image is simultaneously obtained while the SNOM measurement. The chain
conformation can be discussed in contrast with the surface morphology. In addition to the
observation of the whole chain by SNOM, the orientation of the dye in the fluorescently
labeled polymer can be evaluated by the use of polarized light because the absorption and
fluorescence anisotropies reflect the orientation of the transition dipole. The polarization
measurement under a microscope reveals the spatial distribution of the orientational
anisotropy.16
In this chapter, the conformation of the single polymer chain in the rubbed PMMA
film is investigated through the direct observation. The conformations at the whole chain
and monomeric scales are evaluated with SNOM and excitation polarization modulation
microscopy, respectively. The chain orientation induced by the rubbing below Tg is
discussed in contrast with the surface morphology.
6.2 Experiments
Sample preparation. Perylene-labeled PMMA (PMMA-Pe, Figure 2.1) was
synthesized as described elsewhere.17,18 The fraction of the labeled unit was evaluated
to be 0.77% by UV–Vis absorption (U3500, Hitachi). The unlabeled PMMA was
synthesized by atom transfer radical polymerization.19 The weight- and number-averaged
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Table 6.1: Characterization of PMMA.
Mw=106 Mn=106 Mw=Mn
PMMA-Pe 1.99 1.58 1.26
PMMA 2.12 1.33 1.60
molecular weights, Mw and Mn, were determined by GPC measurement as shown in
Table 6.1. A mixed toluene solution of unlabeled PMMA and PMMA-Pe (0.02 wt %
to the unlabeled polymer) was spin-coated onto a glass substrate to form a film with a
thickness of 7 nm. The rubbing was performed at 30, 60, and 80 C by unidirectionally
pulling the velvet cloth for 30 cm (80 C) or 250 cm (30 and 60 C) at the speed of 1 cm/s
under a load of 4 g/cm2.
Excitation polarization modulation microscopy. The orientation anisotropy of
fluorescence dye was measured under an inverted fluorescence microscope (TE-2000,
Nikon) equipped with an EMCCD camera (Cascade II, Roper Scientific). A 442 nm
laser beam was passed through an electro-optic modulator (EOM) (EO-AM-NR-C4,
THORLABS), and focused on the sample through an objective lens (100, 1.4 NA,
Nikon). The fluorescence signal was collected through a filter cube (BV-2A, Nikon),
which contains a dichroic mirror (455 nm) and a longpass filter (470 nm). The polarization
direction of the illumination was orthogonally modulated by the EOM at a frequency of
0.25 Hz.
SNOM measurement. The SNOM measurement was performed by a commercially
available instrument (α-SNOM, WITec) using a hollow cantilever probe with a
sub-wavelength aperture of 60 nm. The laser beam at a wavelength of 441 nm
(BCL-015-440, CrystaLaser) was focused onto the backside of the aperture to generate
the optical near-field. While scanning the sample surface in the contact mode with the
cantilever, the perylene fluorescence was collected by a microscope objective (0.80NA,
60, Nikon) from the backside of the substrate and detected with a photomultiplier
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Figure 6.1: (a) Fluorescence and (b–e) anisotropy images of single polymer chains
obtained by excitation polarization modulation microscopy in the PMMA films (a,b)
before rubbing, and after rubbing at (c) 30 C, (d) 60 C, and (e) 80 C.
(H8631, Hamamatsu Photonics) through a long-pass filter (LP02-442RS-25, Semrock).
The SNOM measurement was carried out in an ambient condition. All the SNOM images
were taken by the same probe.
6.3 Results and Discussion
6.3.1 Orientation of Fluorescence Dye
Figure 6.1a shows a fluorescence image of a PMMA film before rubbing obtained by
the excitation polarization modulation microscopy. Each fluorescence spot was confirmed
to be an individual PMMA-Pe chain from the statistical analysis.20 The orientation of the
dye molecules in each labeled chain was examined in terms of the excitation anisotropy
(Ix  Iy)=(Ix+ Iy), where Ix and Iy are the intensities of the fluorescence from each labeled
































Figure 6.2: Histograms of excitation anisotropy of chains obtained by excitation
polarization modulation microscopy for the films (a) before rubbing, and after rubbing
at (b) 30 C, (c) 60 C, and (d) 80 C.
defined as the rubbing direction of the film and y axis perpendicular to it. The excitation
anisotropy of the fluorescence intensity for each labeled chain indicates the average
orientation of the dye moieties. For the complete orientation in the x and y axes, the values
of (Ix   Iy)=(Ix + Iy) are +1 and  1, respectively. In the previous chapter, it was shown
that the average orientation of the dye correlates with that of the segmental orientation of
the main chain. The values of (Ix  Iy)=(Ix+ Iy) for the individual chains are represented
by colors in Figures 6.1b–e. Whereas the conformation of each chain was not clearly
observed in the fluorescence image due to the diffraction limit, the segmental orientation
for a single PMMA chain can be examined through the excitation anisotropy.
Figure 6.2 shows the histograms of (Ix   Iy)=(Ix + Iy). In the film before rubbing,
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Figure 6.3: Average excitation anisotropy of PMMA films plotted against the rubbing
temperature.
the excitation anisotropy showed a symmetric distribution at a peak position of zero,
indicating the isotropic orientation. In the rubbed films, the distribution was shifted to
higher (Ix   Iy)=(Ix + Iy) value. This indicates that the orientation of the fluorescence
dye in each polymer chain increased by the rubbing. The average orientational order
parameter of the dye p¯, which is defined by eq 5.6, is shown in Figure 6.3. The value
of p¯ was zero before rubbing. After rubbing, p¯ took positive values. The film rubbed at
80 C showed the higher anisotropy than those at 30 and 60 C, reflecting the increased
molecular mobility with the temperature. This implies the chain is more oriented by the
rubbing at the higher temperature.
6.3.2 Chain Conformation Observed by SNOM
Figures 6.4a–d show the fluorescence SNOM images of the PMMA films. The
perylene-labeled PMMA chains embedded in the unlabeled matrix were observed as
the bright spots in the fluorescence image. The SNOM images showed much higher
resolution than the fluorescence images obtained under the far-field set up (Figure 6.1).
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Figure 6.4: Fluorescence (a–d) and topographic (e–h) images of single polymer chains in
the PMMA films obtained by SNOM: (a,e) Before rubbing, and after rubbing at (b,f) 30,
































Figure 6.5: Histograms of the chain dimension parallel to the stretching direction, which
was normalized by the initial average value, for the films (a) before rubbing, and after
rubbing at (b) 30, (c) 60, and (d) 80 C.
The topographic images simultaneously obtained during the SNOM measurements are
shown in Figure 6.4e–h. The groove along the rubbing direction with the height of 2–5
nm was observed in the rubbed films. The films were partly scratched and peeled off
by the rubbing at 60 and 80 C. The film rubbed at 80 C showed markedly different
morphology from the others. There were fine ordered grooves with the periodicity of
approximately 500 nm and the height of 3–15 nm. This suggests that the surface of the
film was largely deformed by the shear force. In this film, some of the chains showed
highly stretched conformation along the rubbing direction (Figure 6.4d).
In order to evaluate the chain conformation quantitatively, the fluorescence intensity
distribution for each spot was analyzed by the same procedure shown in chapter 2. The
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Figure 6.6: Chain extension ratio plotted against the average excitation anisotropy for
(closed symbols) the thin films rubbed at (circle) 30, (triangle) 60, and (square) 80 C.
Open circles represent the bulk film uniaxially stretched at 160 C.
conformation of the whole single chain was evaluated in terms of the chain dimension
along the rubbing direction Rxx, which is defined by eq 2.9. Figure 6.5 shows histograms
of Rxx normalized by the average value before rubbing, hRxxi0. The distribution function
of Rxx=hRxxi0 was not significantly changed by the rubbing at 30 C. This indicates that
the global conformation of the whole chain was not changed by the rubbing near the
room temperature. The film rubbed at 60 C also showed the similar distribution function
to that of the unrubbed film, while the weak tail appeared in the large Rxx=hRxxi0 region.
In the film rubbed at 80 C, on the other hand, the peak shifted to the higher value and
the distribution became broader. This suggests that the chains were stretched along the
rubbing direction.
The average chain extension ratio, λc, which is defined by eq 2.8, is plotted against
p¯ in Figure 6.6. The data for the uniaxial extension of the bulk film at 160 C in the
previous chapter are also shown by the open symbols therein. In the uniaxial extension
process above Tg, both of the orientation at the segmental orientation and the dimension
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of the whole chain increased with strain. On the other hand, the rubbing process near
the room temperature hardly changes the dimension of the whole chain in spite of the
increase in the orientational anisotropy of the fluorescence dye. At the room temperature,
the motion of the main chain is frozen. Therefore, it is unlikely that the rearrangement of
the chain contour at the whole chain scale is induced by rubbing. In the rubbing process
at the higher temperature, the motion of the main chain is thermally activated; therefore,
the individual PMMA chains were elongated in the rubbing direction. However, the
deformation of the chain conformation was observed even below the bulk Tg of PMMA.
In a thin film, there are less entanglements compared to the bulk state, resulting in the
higher chain mobility.21 Furthermore, the recent study on the plastic flow of the bulk
PMMA has shown that the chain mobility is also enhanced by applying the stress.22,23
These decreased number of entanglements and the applied stress allowed the deformation
at the whole chain scale below the bulk Tg. Even in this case, the value of λc is still smaller
than that for the uniaxial extension above Tg. This indicates that rubbing process mainly
induces the conformational change at the length scale of the monomer unit rather than the
whole chain.
6.4 Conclusion
The conformation of the single polymer chain in the rubbed thin film was investigated
through the direct observation by the excitation polarization modulation microscopy and
SNOM. The orientational anisotropy of the dyes in the labeled chains increased by the
rubbing, indicating that the conformation at the length scale of the monomer unit was
rearranged. On the other hand, the conformation at the whole chain scale was not
significantly changed by the rubbing near the room temperature. The increase in the
chain dimension along the rubbing direction was observed in the film rubbed at 80 C,
associated with surface morphology with the fine ordered groove. This conformational
change at the whole chain scale below the bulk Tg is expected to be caused by the reduced
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number of entanglements and the stress-enhanced chain mobility. The extension ratio of
the whole chain in rubbed film was much smaller than that in the uniaxially stretched
film. This indicates that the rubbing process mainly changes the local conformation at the
length scale of monomer unit rather than the global conformation of the whole chain.
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In this thesis, the single polymer chains in bulk and thin films under the external
force were directly observed by SNOM. The conformations of polymer chains under the
uniaxial extension and the surface rubbing were analyzed and compared with macroscopic
mechanical properties, optical properties, and theoretical models. The summary of each
chapter is presented below.
In chapter 2, the direct observation of the single polymer chain in an uniaxially
stretched PMMA film was demonstrated. The elongated conformation of the single
polymer chain was successfully observed. The author introduced the quantitative analysis
of the chain conformation from the fluorescence intensity distribution. Observation of the
plastically deformed films with various strains revealed that the microscopic extension
ratio of the single chain was smaller than the macroscopic extension ratio of the film.
This suggests the presence of the slip of the polymer chains on the course of the plastic
deformation.
In chapter 3, the conformation of single polymer chain under the uniaxial extension
well above the glass transition temperature was studied. In the high molecular
weight matrix, the average extension ratio at the single chain level coincided with the
macroscopic extension ratio. The distribution of the chain conformation was in good
agreement with that of the freely-jointed chain followed by affine deformation. On the
other hand, the probe chain embedded in the low molecular weight matrix showed the
smaller extension than that expected from the affine deformation. This suggests that the
conformation of the probe chain is affected by the relaxation of the short surrounding
chains through disentanglement.
In chapter 4, the chain conformation during the stress relaxation process after the
uniaxial extension was investigated. The extension ratio at the molecular level was
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directly evaluated from the SNOM images and compared with the macroscopic stress
relaxation. At the early stage of the relaxation process, the whole single chain almost
kept the stretched conformation in spite of the decrease in stress. On the other hand, the
birefringence, which reflects the orientation of the chain backbone in average, decreased
proportionally to the stress according to the stress–optical rule. This suggests that the fast
relaxation in stress is caused by the local conformational change at the length scale much
smaller than the entire chain length. The experimental data was successfully explained
by the contraction of the primitive chain contour in Doi–Edwards model. Furthermore,
the distribution function of the chain dimension was found to retain its shape during the
relaxation process, indicating that the conformational relaxation of polymer chain is rather
homogeneous in the well-entangled system.
In chapter 5, the conformational relaxation of the individual PMMA chain was
examined in the binary blend systems, which consist of high and low molecular weight
components. The whole chain dimension and the segmental orientation were evaluated for
the high molecular weight long chain with SNOM and excitation polarization modulation
microscopy. At the early stage of the stress relaxation process, not only the segmental
orientation but also the whole chain dimension of the long chain decreased faster in
matrices with short chains. This indicates that the relaxation at the whole chain scale is
accelerated by disentanglement, which is caused by the motion of the short surrounding
chains. The shape of the distribution function of the chain dimension in the blend film was
broader than that in the monodisperse film, implying that the effect of the disentanglement
is different chain by chain. The fast relaxation in the whole chain dimension could not be
explained by the constraint release picture in the theoretical model, which assumes that
the disentanglement only activates the local motion of the long chain.
In chapter 6, the effect of the surface rubbing on the conformation of the chain in a
thin film was investigated through the direct observation by the excitation polarization
modulation microscopy and SNOM. The orientation at the monomeric scale was changed
by the rubbing. On the other hand, the conformation at the whole chain scale was hardly
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changed by the rubbing near the room temperature. The increase in the chain dimension
along the rubbing direction was observed in the film rubbed at the higher temperature,
which showed a surface morphology with the fine ordered groove. This conformational
change at the whole chain scale below the bulk glass transition temperature is expected
to be caused by the reduced number of entanglements and the stress-enhanced chain
mobility. The extension ratio of the whole chain in rubbed film was much smaller than
that in the uniaxially stretched film. This indicates that rubbing process mainly induces
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